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Abstract
Atomistic simulations of the eﬀects of H on edge dislocation mobility and pile-ups are performed to investigate possible nanoscale
mechanisms for hydrogen-enhanced localized plasticity (HELP). a-Fe is used as a model system because H diﬀusion is fast enough to
capture kinetics within the time scales of molecular dynamics and because edge dislocation glide in a-Fe is similar to glide in face-centered cubic metals. Results over a wide range of H concentrations suﬃcient to generate a range of sizes in the Cottrell atmospheres show
that the Cottrell atmospheres follow the moving dislocations, leading to a resistance to dislocation motion that is consistent with solute
drag theory; thus, H reduces the dislocation mobility. Furthermore, once motion stops and a pile-up is established, the H Cottrell atmospheres do not aﬀect the equilibrium spacing of dislocations in the pile-up; thus, the H atmosphere provides no “shielding” of dislocation–dislocation interactions. This result is consistent with conclusions from previous continuum calculations. Two oft-proposed
mechanisms for HELP (H-induced increase in true dislocation mobility and decrease in dislocation–dislocation pile-up interactions)
are therefore not supported by the present simulations. A mechanistic understanding of HELP phenomena observed in various experiments thus requires evaluation of more complex H–dislocation interactions.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved
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1. Introduction
Hydrogen embrittlement (HE) has been a consistent
problem in the application of metals in industrial settings
for decades [1–4]. Despite intense research eﬀorts, the exact
mechanisms of HE remain far from being universally
accepted. Various mechanisms in the literature include
hydrogen-enhanced decohesion [5–10], hydrogen-enhanced
local plasticity (HELP) [11–13], and hydride formation and
cleavage [14–16]. We have recently developed a predictive
nanoscale mechanism for HE in which the aggregation
and transport of H atoms around a crack tip can inhibit
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dislocation emission to induce a local “ductile-to-brittle”
transition, followed by sustainable slow crack growth
[17,18]. While explaining some aspects of embrittlement,
it does not address other phenomena that are inﬂuenced
by H, such as HELP. Here, we focus on possible HELP
mechanisms independent of their possible roles in
embrittlement.
HELP is supported primarily by experimental observations of enhanced dislocation motion [19–21] and localized
slip bands in the vicinity of the crack tip in H-charged test
specimens [22,23]. The HELP mechanism is also widely
quoted to interpret macroscopic measurements of reduced
material yield stress [24] and other softening phenomenon
[25,26] in the presence of H, as well as the easier dislocation
nucleation observed during indentation experiments with
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in situ or ex situ H charging [27,28]. However, there remain
contradictory results, such as increases in ﬂow stress in the
presence of H in Ni [29], Al [30] and Fe alloys at high
strains [31–34]. The range of experimental observations
of HELP phenomena clearly merit a mechanistic understanding at microscopic scales.
Two mechanisms have commonly been postulated to
cause the observed HELP phenomena: (i) H increases dislocation mobility, leading to material softening [26,35,36];
and (ii) H reduces dislocation–dislocation interactions,
which facilitates planar slip and increases pile-up phenomena that lead to damage initiation [37–39]. Small-scale
experiments using in situ transmission electron microscopy
(TEM) on samples deformed in tension [19] indicate, however, that neither of these mechanisms directly operates.
The authors of Ref. [19] suggested a third mechanism:
(iii) H modiﬁcation of dislocation pinning phenomena,
i.e. H interacts with other defects to modify the ability of
those defects to impede dislocation motion. Mechanisms
analogous to (ii) and (iii) were investigated theoretically
using continuum models by Sofronis et al. [11,40–43], in
which it was shown that mechanism (ii) is unlikely and
mechanism (iii) plausible, while mechanism (i) is not amenable to continuum-level analysis. In addition, there have
been studies, based on H reducing the vacancy formation
energy, that suggest H charging induces high concentrations of hydrogen-stabilized vacancies, i.e. H–vacancy
complexes, possibly also contributing to the operation of
mechanism (iii) [44–49]. Nonetheless, mechanisms (i) and
(ii) remain commonly quoted in the current literature as
viable mechanisms for HELP and continue to be studied
[50–53]. As a result, we are motivated to examine HELP
mechanisms (i) and (ii) using atomistic simulations that
accurately capture the dislocation/H interactions including
kinetic eﬀects.
Speciﬁcally, we study the motion/mobility of dislocations and the structure of edge dislocation pile-ups in Fe
in the absence and presence of dissolved H. Although the
TEM experiments are performed on face-centered cubic
(fcc) Al and austenitic stainless steel, we use body-centered
cubic (bcc) Fe as a model system because the kinetics of H
transport in Fe is fast enough to be captured in molecular
dynamics and because the edge dislocation in Fe has a dissociated core structure and a low Peierls barrier [54,55] and
so has characteristics typical of edge dislocations in fcc
metals. We use large-scale molecular dynamics (MD) simulations with suﬃciently long times to place some bounds
on the possible eﬀects of very slow kinetic processes that
are diﬃcult to address in nanosecond-scale MD simulations. We ﬁnd that the eﬀect of H on dislocation mobility
is consistent with standard solute drag theory, in which
mobility is inhibited by an atmosphere of H that diﬀuses
with the moving dislocation. We also ﬁnd that a threedislocation pile-up of straight, parallel edge dislocations
in Fe under a wide range of applied loads and H concentrations has a structure (i.e. spacing of pile-up dislocations)
that is independent of whether or not H is present, and is

independent of the details of how the system reaches the
ﬁnal equilibrium structure. Neither of these simulations
reveals any phenomena associated with softening in the
ﬂow or dislocation interactions. These results indicate that
the experimental TEM observations of the behavior of dislocation pile-ups upon introduction of H is not due to any
modiﬁcations to the “shielding” of the dislocation interactions by the H atmospheres [19], consistent with the conclusions of Sofronis et al. [11]. This work should put to rest
the viability of mechanisms (i) and (ii) such that future
work can focus on other possible mechanisms for HELP.
2. Computational methodology
We construct a rectangular simulation cell comprised of
a bcc Fe crystal oriented as X ¼ ½1 1 1, Y ¼ ½1 
1 0 and
Z ¼ ½1 1 2, and of dimensions Lx = 39.6 nm, Ly = 38.8 nm
and Lz = 2.8 nm. Within the simulation cell, we place three
equally spaced edge dislocations, all having Burgers vector
½[111]ð1 1 0Þ and line direction along Z, onto the central
ð1 1 0Þ plane, as illustrated in Fig. 1a. The edge dislocations
are created by removing atoms from the perfect crystal in
pﬃﬃﬃ
pﬃﬃﬃ
the band  3a0 =4 < X  X i < 3a0 =4; Y < 0, where
a0 = 2.86 Å is the lattice constant for a-Fe and Xi is the
X coordinate of the ith dislocation. We then displace the
surrounding atoms according to the linear elastic displacement ﬁelds for the edge dislocation [56], and relax the entire
structure using the conjugate gradient method [57]. We use
an edge dislocation pile-up to maximize the H–dislocation
interaction eﬀects, and because edge glide is similar to glide
in fcc materials, as noted above. As a practical matter, the
screw-dislocation–H interactions predicted with the interatomic potential employed here exhibit some unphysical
local eﬀects that would also make such a study invalid. A
dislocation obstacle is created along the slip plane at

(a)

(b)

Fig. 1. (a) Schematic of dislocations heading toward, and piling up at, an
obstacle when subject to a shear stress s. (b) Simulated and predicted (Eq.
(4)) separations between dislocation cores under shear stress s at
T = 500 K in pure Fe (no H).
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X = 18 nm by freezing atoms within a cylindrical region
parallel to Z and of radius 6 Å.
The simulation cell is periodic along the Z direction (but
with a relatively large 2.8 nm periodic length) and free
along the Y direction. The periodicity along the Z direction
eﬀectively enforces a plane-strain boundary condition
along the dislocation line direction. Periodic boundary conditions are also enforced along the X direction without
removing any end atoms. Since the slip and long-range
strain ﬁelds introduced by dislocations are incompatible
with periodic boundary conditions perpendicular to the
dislocation line, this necessarily introduces some artiﬁcial
bending stresses that do not exist for an array of dislocations in an inﬁnite box. Nonetheless, the bending stresses
do not produce any shear stress along the slip plane, and
hence do not inﬂuence the result here.
Starting from the initial simulation cell without H, H
atoms are introduced by randomly inserting them into tetrahedral sites in the region >1 nm away from free surfaces
to create various H-charged atomic conﬁgurations. Two
reﬂecting boundaries1 are also imposed for H atoms,
located at 1 nm from the surfaces, to prevent H from artiﬁcially segregating to the free sample surfaces. The degree
of H charging is prescribed by the bulk H concentration
c0 as follows. For a-Fe crystal at temperature T and a bulk
equilibrium H concentration c0 (related to an imposed H
chemical potential) deﬁned here on a per Fe atom basis,
an H atom will diﬀuse due to the driving force pX created
by the interaction of the pressure ﬁeld of the dislocation at
xi, p(x  xi, y), with the misﬁt volume X of the H atom.
The chemical potential in the presence of the ﬁeld, neglecting H–H interactions and within simple solution theory, is
given by the general expression:
l ¼ l0 þ k B T ln

c
þ pX;
1c

pðr; hÞ ¼ 

ð1 þ mÞGb sin h
;
3pð1  mÞ r

ð1Þ

pﬃﬃﬃ
where G is the shear modulus, b ¼ 3a0 =2 is the magnitude
of the Burgers vector, and (r, h) are the polar coordinates
around a dislocation located at the origin. Since the chemical potential is constant throughout the system, the local
concentration c at position (r, h) around a single dislocation
is given by solving Eq. (1) and exchanging the chemical potential for the bulk far-ﬁeld concentration as:
 
c0 exp kpX
BT
 :
cðr; hÞ ¼
ð2Þ
1 þ c0 exp kpX
T
B

N H ðc0 Þ ¼ Z 0

Z
0
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By setting R = d/2, where d is the initial dislocation
spacing in the system, Eq. (3) allows us to estimate the total
amount of H needed in the simulation cell such that all the
H in the cell will participate in any Cottrell atmosphere
around the dislocations spaced by d at bulk concentration
c0. In an inﬁnite system, H would be attracted to a static
pile-up from inﬁnite distances, and so we must recognize
there is no well-deﬁned “true” equilibrium conﬁguration.
For our simulations, X = 3.818 Å3 and, with three dislocations in the simulation cell, a total of 3NH (c0; R = d/2) H
atoms are introduced into the system.
Fig. 2 shows the amount of H per unit length of dislocation line, i.e. NH/Lz along the dislocation line direction,
that should be introduced into the simulation cell as a function of the “far ﬁeld” concentration c0 at various temperatures T. Values of NH/Lz used in our simulations ranges
from 7.1 to 36.4 nm1, as indicated by the gray area in
Fig. 2. Simulations at any given level of NH/Lz are thus sufﬁcient to generate Cottrell clouds at a range of far ﬁeld
concentrations and temperature (c0, T). In practice, we
examine a series of H concentrations c0 ranging from
0.075% to 2% at T = 500 K, where the temperature facilitates the diﬀuse transport of H and the motion of any Cottrell atmospheres over time scales observable in MD
simulations. However, Fig. 2 shows that the amount of H
added in these simulations is the same as the amount that
would be added at T = 300 K for concentrations between
105 and 2  103, which are in the range of experimental
concentrations expected in various metals. Therefore, the
use of T = 500 K is quite acceptable for the purposes of
examining the oft-used interpretations for the HELP, i.e.
H-shielding dislocation–dislocation interactions and H
eﬀects on mobility.
We note that we do not accommodate the H-induced
expansion in our simulations and thus the simulation box
with higher H content is subject to higher normal pressures
across the periodic boundaries. Nonetheless several

The total number of H additional atoms NH at
equilibrium within a cylindrical volume of radius R and
thickness Z0 around the edge dislocation as a function of
c0 is then:

1
The reﬂecting boundary is implemented as follows: at any instantaneous time t, if an H atom is projected to cross it moving towards the free
surface in the next timestep, then the instantaneous displacement d and
velocity v of the atom will be changed to d and v, respectively.

Fig. 2. Amount of H per unit length, NH/Lz, along the dislocation line for
an edge dislocation in a-Fe, as a function of the bulk far-ﬁeld H
concentration c0, for diﬀerent temperatures. The gray area indicates the
range of NH/Lz considered in the current simulations.
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benchmark simulations where H-induced expansion is
accommodated have been performed, showing no noticeable change in pile-up conﬁgurations.
The MD simulations are performed in an NVT ensemble with a Nosé–Hoover thermostat [58,59] and velocity–
Verlet algorithm [60] with the integration time steps being
0.4 and 2 fs for the pure Fe sample and H-charged samples,
respectively. The interatomic interactions among atoms are
described using a Finnis–Sinclair-type [61] embedded atom
method (EAM) potential that has been modiﬁed to prevent
unphysical H–H aggregation [62–64]. This potential
matches many key properties of the Fe–H system with no
serious deﬁciencies aside from a spurious interaction in
the core of the screw dislocation, which is explicitly not
studied here. Tractions are applied on the surfaces normal
to the Y direction to drive dislocation motion. The dimension along the Y direction is large enough to minimize the
inﬂuence of the free (traction) surfaces on the dislocation
pile-up, i.e. on the resolved shear stresses created by the
dislocations along the glide plane (see Supplementary
Data). The presence of free surfaces also aﬀects the hydrostatic stress ﬁeld, leading to deviations from the bulk pressure ﬁeld. The largest deviations (for the hydrostatic stress
and any normal stresses) occur near the free surfaces and
are of the order of 100 MPa, producing an error in the
energy of an H atom of 0.002 eV, which is negligible
for the range of bulk H concentration c0 considered in this
study. Furthermore, such deviations are negligible in the
vicinity of the dislocation core.
For each simulation, the system is ﬁrst equilibrated at
T = 500 K for a total of 2 ns, after which forces of equal
magnitude but opposite sign are applied to atoms located
within the atomic potential [64] cut-oﬀ radius of the Y surfaces to generate the shear stress s. The applied shear stress
drives the dislocations to pile-up against the obstacle. The
shear stress is applied in two ways, in a single pulse or using
step-loading. When s is applied in a pulse, the system is
relaxed for 20 ns following the application of s to obtain
an equilibrium dislocation pile-up conﬁguration. For the
step-loading, s is incremented in steps of 50 MPa until
the desired load level is reached. Between loading steps,
the system is relaxed for 2 ns for pure Fe and 4 ns for
Fe–H systems, respectively. For a particular s, no diﬀerence in the equilibrium pile-up conﬁgurations is observed
for the two methods of applying stress.2 Note that after
applying the stress, the simulations are run at constant
stress for an extended period of time so that we are studying a near-equilibrium situation over the simulation time
2

It is worth noting that pulse loading may result in “temporary” breakaway of the second and/or third dislocations if the applied stress is
suﬃciently large. In this scenario, the dislocation will quickly resettle
following the initial break-away to a position closer to its immediate
neighbor on the right, after which H atoms will migrate to the new
position to form a H cloud around the dislocation core again. This
temporary break-away of dislocation(s) does not inﬂuence the equilibrium
pile-up conﬁguration though it may result in signiﬁcant uneven distribution of H atoms at diﬀerent dislocation cores.

scales, and there is no equivalent “strain rate” in these
simulations.
3. Results and discussion
3.1. Pure Fe: pile-up conﬁgurations and mobility
We ﬁrst examine the pure Fe system, which will serve as
a reference for the behaviors in the Fe–H system. Note that
this case includes all image interactions due to periodicity
and free surfaces, and so is a precise reference case when
considering the eﬀects of added H. We denote the horizontal separation between the ith and jth dislocations as dij
(i, j = 1, 2, 3), deﬁned as dij = |xi  xj| with xi and xj being
the x coordinates of the centers of the ith and jth dislocations. Upon application of the applied stress, the dislocations accelerate and then move at high velocity (e.g.
750 m s–1 at 200 MPa, see Supplementary Data) and then
decelerate and come to rest in an equilibrium pile-up conﬁguration. The equilibrium separations d12 and d23 as functions of the applied stress s, as found in our simulations,
are shown in Fig. 1b. The separation distances d12 and
d23 can be accurately estimated from isotropic continuum
theory by balancing the net force on the second and third
dislocations as:
 X

1 
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A
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X

ð4Þ
Gb
where A ¼ 2pð1vÞ
and the inﬁnite summations are contributions from the periodic images of the dislocations. In the
Supplementary Data, we have shown that with the suﬃciently large cell dimensions used in our simulations the
inﬂuence due to free surfaces on the shear stress along the
dislocation glide plane is negligible. For a-Fe, m = 0.29 and
G = 72.56 GPa at T = 500 K (Voigt averages [65]), the isotropic continuum predictions of d12 and d23 from Eq. (4)
are also shown in Fig. 1b and there is excellent agreement
over the entire range of applied stresses, with deviations
<5 Å. This comparison veriﬁes that the image stresses due
to the traction boundary condition are negligible.

3.2. Hydrogen aggregation and solute drag
For systems pre-charged with H, the H atoms form
highly concentrated clouds around each dislocation core
after relaxation, as shown in Fig. 3a and b and as anticipated by the attractive H–dislocation interaction. Fig. 3b
that shows that H atoms, having a positive misﬁt volume,
accumulate on the side of the dislocation that is under tensile pressure, as expected. We note that the trapping energy
of H in the edge dislocation core is 0.4 eV, broadly comparable to the trapping energy of H neighboring a single
vacancy that ranges from 0.1 to 0.6 eV [64]. The H atoms
are densely packed into a Cottrell cloud within a region
of a few nanometers around the dislocation core.
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(a)

(b)

(c)

(d)

Fig. 3. (a) Projected atomistic view (along the Z direction) of the second and third dislocation cores surrounded by clouds of H atoms (H atoms, black; Fe
atoms in dislocation core, cyan; other Fe atoms, red). (b) Close-up perspective atomistic view of a dislocation core surrounded by the cloud of H atoms
that form naturally in the simulation, at c0 = 2% (H atoms, silver; Fe atoms colored via the pressure ﬁeld p, with positive and negative values indicating
tension and compression respectively). (c, d) Time evolution of the x-coordinate for the second and third dislocation cores within the ﬁrst 1.2 ns after
application of s = 400 MPa, for materials with three representative H concentrations c0 as indicated. The corresponding dislocation velocities vd (i.e. the
slopes of curves) are also noted. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

Under the application of the applied shear, the dislocations are driven to pile-up against the obstacle. During the
motion of the dislocations, the H atmosphere travels along
with the dislocation via diﬀusion and exerts a substantial
resistance to dislocation motion due to solute drag. Fig. 3
shows the positions of the second and third dislocations
vs. time during the 1.2 ns immediately after the application
of a pulse stress of s = 400 MPa.3 During the ﬁrst 1.2 ns,
the dislocation velocities vd are nearly constant at the values noted in Fig. 3. These velocities scale nearly inversely
with the H concentration c0 and, on the order of 1 m s1,
are orders of magnitude smaller than the velocities of the
dislocation in pure Fe. The substantially lower dislocation
velocity in the presence of H suggests that the dislocation
motion is largely controlled by the H kinetics. In fact, the
motion of the dislocations in Fe–H is generally consistent

with solute drag [66,67], in which the dislocation velocity
is governed by a balance between the applied driving force
and the retarding force of the H cloud that is able to diﬀuse
along with the dislocation. Solute drag is observable here
because the activation barrier for diﬀusion of H in Fe is
very low (0.04 eV) so that diﬀusion phenomena can be
observed on the time scales of molecular dynamics simulations [68]. To our knowledge, this is the ﬁrst explicit atomistic simulation of solute drag and this is the ﬁrst main
result of this paper.
We now make some quantitative comparisons of the
measured dislocation motion with the predictions of solute
drag theory [55,68,69]. In the regime of steady drag, the
relationship between dislocation velocity and applied shear
stress is predicted to be:

s ¼ vd c 0

3

For all the cases examined, dislocation break-away did not occur.


b2
;
Dta bkT

ð5Þ
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where D is the bulk solute diﬀusion coeﬃcient, ta is the
host atomic volume, b the Burgers vector, and b a material
parameter related to the strength of the solute–dislocation
interaction. Fig. 4 shows the product vdc0 (where vd is the
average velocity over the initial dt = 1.2 period) vs. the applied pulse stress s for the second and third dislocations.
The results clearly exhibit the linear relationship between
vdc0 and s as predicted by solute drag theory, for various
concentrations, a range of stress levels, and with the same
linear relationship obtained for both the second and third
dislocations in the pile-up. This conﬁrms the operation of
solute drag.
Solute drag is quantiﬁable at the start of these simulations because, during this time, the net applied force on
each dislocation is equal to the applied force. After a small
amount of motion, the pile-up starts to form and non-periodic dislocation–dislocation interactions occur, so that the
stresses on the dislocations are no longer constant with
time and the dislocations decelerate as they approach their
new equilibrium positions. Therefore, it is not possible to
evaluate the solute drag behavior after a few nanoseconds,
when the dislocations start slowing down. Deviations can
also exist at small applied loads, where the net distance
moved is so short that the there is no region of steady-state
motion to evaluate. Finally, more quantitative comparisons with solute drag theory, such as achieved for Al–Mg
[68], are not available because the results can depend on
subtle details of H–core interactions where the core “diﬀusion” might deviate substantially from the bulk diﬀusion of
H in Fe under the inﬂuence of local stresses and H–H interactions [70].
From the above observations, we conclude that the
direct H eﬀect on edge dislocation mobility is solute drag,
i.e. H reduces the mobility of the edge dislocation. Here,
the term “mobility” represents the intrinsic or fundamental
mobility of a dislocation (with or without solute drag), and
should not be confused with an experimentally measured
eﬀective mobility that represents the average velocity of a
dislocation as it moves via thermal activation past obstacles. This is the second main result of this paper.

3.3. Eﬀects of hydrogen on pile-up conﬁgurations
After the dynamic phase of the simulation, the dislocation pile-up reaches a new equilibrium conﬁguration.
Fig. 5 shows the values of the separation distances d12
and d23 in the equilibrium conﬁgurations at two representative shear stresses, s = 200 MPa and 400 MPa, for diﬀerent
c0, as measured over times of 5 ns after attaining the equilibrium positions. Within the accuracy of the thermal
vibrations of the dislocation line, which occur even at zero
H concentration (pure Fe), the pile-up conﬁgurations are
identical in all cases. This conclusion holds regardless of
the method of loading. There is absolutely no tendency
for the H atmospheres to have any inﬂuence on the dislocation spacings in the pile-up at any applied load or any
H concentration, i.e. there is no apparent shielding eﬀect
of H on dislocation–dislocation interactions. This is the
third main result of this paper.
The experimental observations of H-induced changes in
dislocation pile-up behaviors are therefore not caused by
fundamental changes in the dislocation–dislocation interactions caused by H. The absence of any “shielding” eﬀect
due to the H atmosphere is not surprising when considered
from a mechanics viewpoint. The region of material containing the H atmosphere near the dislocation core can
be viewed as an inclusion having a transformation strain
e T due to the local volume expansion induced by H atoms.

The stress ﬁelds outside of an inclusion of characteristic inplane dimension R and inﬁnite in the out-of-plane dimen2
sion scale as jeT jðR=rÞ [71]. The resolved shear stresses
associated with the H atmosphere thus decay much faster
than the dislocation ﬁelds, which scale as 1/r. Thus, the
H atmosphere is expected to have negligible eﬀects on the
dislocation positions unless the H atmosphere has dimensions R that are approaching the dislocation spacing itself.
Fig. 1b shows that at typical applied stresses, the dislocation spacings in the three-dislocation pile-up remain fairly
large (50 Å), much larger than even the largest Cottrell
atmospheres studied here (Fig. 3). The dislocation spacings
studied here are also much smaller than those observed in

Fig. 4. Product vdc0, as computed from the atomistic trajectories of the dislocation cores (see Fig. 3), as a function of the applied pulse stress s for (a) the
second and (b) the third dislocation in the pile-up, showing a linear scaling consistent with predictions of solute drag theory. The dashed lines in (a) and (b)
are identical, illustrating that the evolution of vdc0 vs. s follows the same trend for the second and third dislocations.
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Fig. 5. Equilibrium dislocation separations d12 and d23 under applied stresses s = 200 and 400 MPa for systems with diﬀerent H concentrations c0. The
dashed line in each sub-ﬁgure indicates the corresponding d12 or d23 in the pure Fe system (c0 = 0). Error bars reﬂect the range of positions measured, as
caused by thermal motion of the dislocation. Within thermal noise, the presence of H has no eﬀect on the dislocation spacings in the pile-up at any stress
and any H concentration studied here.

the TEM experiments, and so should show larger eﬀects, if
such eﬀects exist, than in the experiments. The conclusion
from our atomistic studies that there is no shielding due
to H clouds for moderately spaced dislocations agrees with
the conclusion reached by Sofronis et al. [11,72] using a
continuum analysis of a two-dislocation pile-up. Recent
computations of the stress ﬁeld around an edge dislocation
in Ni having a Cottrell H atmosphere (created by other
means) also lead to the conclusion that dislocation–dislocation interactions are negligible for dislocation separations
on the order of 50 Å or larger (as here and in the
experiments).

are stable low-energy conﬁgurations and so transferring
H from one cloud to another should increase the total
energy of the system. In addition, the dislocations are also
already sitting in positions dictated by their long-range
interactions independent of the presence of the H. Thus,
the conclusion drawn here on quasistatic conﬁgurations
over the nanosecond time scale would seem to be valid
on much longer time scales. The authors of the experimental study further concluded that H was mainly inﬂuencing
some unidentiﬁed dislocation pinning (mechanism (iii) in
the Introduction) and this mechanism is not investigated
here.

3.4. Discussion

4. Conclusions

There is obvious TEM evidence that when H is introduced into the chamber of a microscope holding a sample
containing a dislocation pile-up that the dislocations move
closer together [19,20]. When the H is extracted from the
chamber, the dislocations may (in Al) or may not (stainless
steel) move back close to their original positions. Our study
of a pile-up with H under constant applied stress shows no
evidence of these eﬀects. The authors of the experimental
work speculated, via detailed examination of the dislocation pile-ups, that H was not directly connected to changes
in mobility or dislocation interactions. Our results are consistent with the deduced absence of mobility or shielding
eﬀects, i.e. mechanisms (i) and (ii) discussed in the Introduction are not operative. We cannot rule out that some
very slow long-range H transport among the dislocation
cores might change the pile-up structure over time scales
much longer than we can simulate (tens of nanoseconds).
However, there is no clear driving force for such a process—the H clouds around each individual dislocation

We have investigated the possible role of H in inﬂuencing edge dislocation mobility and pile-up structures in Fe,
as a means of assessing oft-proposed mechanisms for
HELP. Our molecular simulations show that H forms
Cottrell atmospheres around moving dislocations, causing
solute drag and therefore resisting rather than facilitating
dislocation motion. Furthermore, our simulations show
that the pile-up structure, under an applied load, is independent of the presence of H, so that the H atmosphere
provides no measurable shielding of dislocation interactions. While our simulations are on Fe–H and edge dislocations, the phenomena observed are expected to be common
to other metals with easy non-thermally-activated glide,
particularly elemental fcc metals such as Al or Ni. Our
results indicate that two oft-proposed mechanisms for
HELP are not operative, which are the conclusions previously drawn from TEM observations of dislocation pileups in H-charged metals (Al and stainless steel) and from
continuum modeling. Thus, other mechanisms for HELP
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must be developed and examined in more detail. Since macroscopic softening (reduced ﬂow stress) is observed in some
metals when charged with H [26,73,74], we expect that such
softening is due to interactions of H with other defects (solutes, precipitates, forest dislocations) that otherwise serve
to inhibit dislocation motion. Other mechanisms, such as
H interactions within the cores of screw dislocations that
facilitate kink-pair formation and thus dislocation motion,
are feasible but are not likely in fcc materials (Al, Ni,
austenitic stainless steels) where HELP eﬀects have often
been reported. While molecular simulations remain limited
due to (i) availability of suﬃciently accurate metal–H interatomic potentials and (ii) diﬀusional time scales in most
metals, where H migration barriers are often on the order
of 0.5 eV [64], targeted MD studies such as those presented
here can help assess the feasibility of nanoscale mechanisms
of HELP.
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